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Abstract
The relationships between metallurgy and the production of niobium-bearing interstitial-free
steels are reviewed. Processing-structure-property relationships are discussed, beginning with
modern steelmaking processes and continuing through subsequent thermomechanical
processing.
Interstitial-free stabilization, microstructural development, and mechanical
properties of niobium-bearing interstitial-free steels are reviewed as well as the influence of
niobium on coating characteristics.

Introduction
Interstitial atoms, such as carbon and nitrogen, have a marked effect on the deformation
behavior of steel. Discontinuous yielding in steel is strongly related to interstitial species (1, 2).
In fact, it has been found that a yield point will persist even with an interstitial carbon content
of 0.001 weight percent (10 ppm) (3). Solute carbon and nitrogen may also degrade the
formability (in particular work hardening) of a steel. Furthermore, discontinuous yielding may
result in Lüders bands, which are detrimental to surface appearance, and may also promote
premature breakage during forming or non-uniform springback after deformation.
In order to combat the detrimental effects of interstitial species, steels have been developed
which are essentially devoid of solute carbon and nitrogen. These “interstitial-free” steels
predominantly rely upon the solid state precipitation of carbides, nitrides, and carbo-sulfides to
reduce the solute interstitial content. Additionally, the total carbon and nitrogen contents are
reduced to extremely low levels (typically less than 0.005 weight percent carbon and less than
0.006 weight percent nitrogen) through modern steelmaking techniques.
From the earliest stages of development, it was apparent that these steels had different product
attributes than traditional steel grades (4-6). Initially, these steels were produced in small
quantities for laboratory studies, which focused on the deformation mechanisms of iron (4,5).
This work verified that homogeneous (i.e., continuous) yielding was promoted and the
formability characteristics were enhanced when compared to typical low-carbon steels.
The earliest examples of interstitial-free steels predominantly relied upon either titanium
additions or niobium additions for stabilization of the interstitial species. Because of the higher
cost of production, there was insufficient commercial demand to convert from traditional
DQSK steels to interstitial-free steels until automobile manufacturers sought to increase
corrosion resistance in the mid-1970s. With the increased utilization of hot-dip galvanized
coatings, interstitial-free steels became commercially viable since these grades did not require a
pre- or post-anneal to prevent strain aging.
Today, hot-dip galvanneal coated interstitial-free steels processed through continuous
galvanizing lines predominantly contain a combination of titanium and niobium for interstitialfree stabilization. Additionally, some hot-dip galvanize coated sheets as well as batch annealed
sheets (i.e., cold rolled or electrogalvanized sheets) contain titanium and niobium, especially
higher tensile strength grades. The remaining interstitial-free steels currently produced rely
upon titanium additions alone for interstitial stabilization.
In light of the commercial importance of interstitial-free steels, in particular for hot-dip
galvanneal coating, the following sections seek to summarize many of the metallurgical
features that control the interstitial content. In particular, the processing-structure-property
relationships for titanium-niobium (TiNb)-stabilized interstitial-free steels for hot-dip
galvanneal coating will be discussed.

Control of Interstitial Content
The control of interstitial-free content in interstitial-free-steels can be divided into two main
subject areas: i) steelmaking and casting and ii) precipitation. The main goal in steelmaking
and casting is to limit the total content of carbon and nitrogen while precipitation ensures the
removal of solute interstitial-free atoms in the final product.

Steelmaking and Casting
A significant reduction in the carbon content of liquid steel occurs during oxygen steelmaking
(7-9). Whether top blown (BOP* ) or bottom blown (Q-BOP) technologies are utilized, carbon
is removed from the melt via gaseous carbon monoxide or carbon dioxide.
Figure 1 illustrates the change in carbon content that occurs through oxygen steelmaking.
Oxygen introduced to the liquid steel through Q-BOP tuyeres begins, for example, to react with
carbon after the depletion of silicon. The rate at which carbon is removed is related to the
supply of oxygen to the hot metal and is approximately linear with time until late in the process
(approximately 0.3 weight percent carbon in Figure 1). Past this point, further removal of
carbon is controlled by the mass transport of carbon to a reaction interface. Typically, lower
carbon contents are produced using a Q-BOP vessel due to a greater stirring intensity.

Figure 1: Change in carbon content (in weight percent) during oxygen
steelmaking (BOP) (7).
After processing through a Q-BOP or BOP, the carbon content will typically range between
0.01 and 0.04 weight percent. In order to achieve the ultra-low carbon (i.e., < 0.005 weight
percent) levels utilized in interstitial-free steels, the liquid metal is processed through a vacuum
degasser (10-13). As shown in Figure 2, the circulation-type degasser typically utilized for
interstitial-free steel production contains two snorkels (i.e., refractory tubes) that are submerged
in a ladle of liquid steel. A vacuum is created in the chamber above the steel and argon is
injected into the steel through one of the snorkels. The reduced density resulting from argon
injection causes steel to flow into the vacuum chamber and subsequently back to the ladle via
the opposite snorkel.
In this process, carbon is removed as carbon monoxide through reaction with dissolved oxygen,
oxygen gas that is injected through lances or tuyeres, or iron oxide from the slag. The reduced
pressures utilized during vacuum degassing favor the formation of gaseous carbon monoxide.
The rate of decarburization will be related to the pressure in the vacuum chamber, the oxygen
content, and the mass transport of carbon.

*
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Figure 2: Illustration of a RH-type degasser.
After degassing is complete, aluminum is added to “kill” (i.e., deoxidize) the steel and the
appropriate alloy additions are made, including the titanium and niobium necessary to stabilize
the steel. Care must be taken, however, when processing the steel after degassing to avoid
subsequent increases in carbon content. Stouvenot (13) reported an increase in carbon content
of approximately 10 ppm could occur after degassing. As a result, it is important to limit the
carbon content of ladle and tundish refractories, alloying additions, and any casting powders
that might be utilized.
The reduction in carbon content is only part of the criteria for the steelmaking of interstitial-free
steels. The nitrogen content must also be reduced to ultra-low levels, typically less than 40
ppm. The nitrogen levels are primarily reduced during oxygen steelmaking due to the stirring
action of gases such as carbon monoxide. Van der Knoop, et al. (14) reported a decrease in
nitrogen content from 60 ppm to less than 20 ppm through standard BOP processing. Lower
nitrogen contents may be produced using a Q-BOP due to the increased intensity of gaseous
stirring, especially if carbon dioxide is used in place of argon (15).
In all practicality, oxygen steelmaking is the only method to reduce the nitrogen content of
liquid steel. While some decrease in soluble nitrogen could occur in vacuum degassing, long
times are necessary for a significant reduction. After oxygen steelmaking, prevention of
contact between the liquid steel and nitrogen bearing species, most notably air, is paramount.
Nitrogen pick-up after oxygen steelmaking (i.e., after tapping the steel from the BOP/Q-BOP
furnace through the caster mold) has been reported to be between 4 ppm and 30 ppm (14, 15),
depending on the practices utilized. As a result, the production of ultra-low nitrogen levels is
favored by effective shrouding of the ladle and proper selection of tundish and mold powders.
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melt and incorporated into the slag* , while the process is enhanced through the use of long
residence times of the reagent in the metal and the use of small reagent particles. If ultra-low
sulfur levels are desired (i.e.., < 0.004 weight percent), further desulfurization can be performed
during vacuum degassing by introducing the reagent after deoxidation of the steel. It is noted
that proper care must be taken at all steps to avoid contamination of the liquid steel by sulfurrich slags.
Interstitial Stabilization via Precipitation
The control of nitrogen, carbon, and sulfur content during steelmaking and casting is the first
step in production of interstitial-free steels. The next critical metallurgical process is the
removal of solute nitrogen and carbon from solution via precipitation reactions. Solute nitrogen
is effectively removed from solid solution via TiN or AlN precipitation. The stabilization of
carbon, however, may differ in a variety of interstitial-free steels and has been the subject of
many studies (17-34). Based on the information published in the literature, several possible
mechanisms for the stabilization of carbon in interstitial-free steels have emerged. In the early
days of research into interstitial-free steels, it was assumed that interstitial-free steels could be
considered as dilute microalloyed (HSLA) steels. That is, the precipitation behavior in these
two types of steels was thought to be similar, except for the amount of precipitates formed.
Based on this view, the products of the precipitation reactions were assumed to be as follows:
AlN, TiN, TiS, TiC, and Nb(C,N). It is now well known that there are several types of
interstitial-free steels where the precipitation behavior might be different depending on subtle
differences in steel compositions (22-28).
Niobium additions are typically made to stabilize interstitial species; however, there are cases
where solute niobium will be desired for property development. As will be discussed in
subsequent sections, niobium additions to these grades may be made to enhance other
properties. This solute niobium has been shown to segregate to grain boundaries, to subgrain
boundaries, and to free surfaces. The benefits of solute niobium may be substantial. Hook et
al. (39, 40) showed a strong relationship between the solute niobium level and both the final
texture and formability. In addition, the segregation of niobium to the grain boundaries will
become important in the microstructural development of galvanneal coatings as well as cold
work embrittlement resistance, as discussed in more detail in later sections.
In these grades, interstitial stabilization primarily occurs through precipitation with titanium,
similar to that found in Ti-stabilized steels. The traditionally accepted precipitation sequence in
Ti-stabilized steels with atomic ratio S:C:N. 1:1:1, is TiN, TiS * , Ti4 C2 S2 and TiC, as the
temperature decreases. The amount of Ti required to fully stabilize interstitial-free steels was
expressed as (wt%):
Tistabilize = 3.42N + 1.5S + 4C
The traditional view of stabilization is illustrated schematically in the stabilization map shown
in Figure 3. This map may be applicable to microalloyed and interstitial-free steels with low S
and/or high Mn. The solubility product of TiC can be described as (35):

*

For example, when using magnesium additions, sulfur is removed from the liquid steel by the following reaction:
Mg + S = MgSs
*
It is noted that both MnS and TiS have the potential to precipitate and that MnS precipitation may preferrentially
occur in grades with high manganese contents.

Log Ksp, TiC = log {[Ti][C]} = 9.0 – 10330/T
where T is the temperature in Kelvin, [Ti] and [C] are solute concentration in weight percent.
This solubility product can be used to predict the precipitation temperature in a Ti-stabilized
steel. For steels whose compositions are above the stoichiometric line (Ti* /C = 4, Ti* = Titotal –
3.42N – 1.5S + Nb/1.94), there is sufficient titanium to stabilize carbon. However, whether
complete stabilization can actually be obtained is also dependent on the kinetics of the reaction.
Hence, similar steels may exhibit different levels of stabilization (or different precipitates)
depending upon the thermomechanical processing schedules employed in the hot strip mill.

Figure 3: Traditional precipitation map. Above the stoichiometric line (Ti*/C = 4,
Ti* = Titotal - 3.42N + Nb/1.94), there is sufficient Ti and steel is generally
considered as stabilized by forming TiC (36).
The early work described above did not consider the mechanism of the formation of Ti4 C2 S2 or
H-phase (for its hexagonal crystal structure). The work by Hua et al. (24-27) has shown that the
formation of the H-phase is not by independent nucleation and growth, but rather by the in-situ
transformation of TiS. This work led to a proposed stabilization map, Figure 4, for interstitialfree steels that contain 9R-TiS as major sulfides in the as-reheated condition (36).

I

Ti*

[Ti]+H
+TiS

II
[Ti]+H
+(TiC) e

III
[Ti]+H+(TiC) e
+(TiC) f
1

4

IV

[C]+H+(TiC)e+(TiC) f

V

[C]+TiS+H

VI

[C]+TiS+[S]

TiH
TiA
0

CH

C, wt%

Figure 4: Proposed precipitation map for S-containing, Ti-stabilized steels (Ti* =
Titotal - 3.42N + Nb/1.94) (36).

The above discussion describes the stabilization sequence in grades that rely solely upon
titanium for stabilization. The majority of commercially produced TiNb-stabilized grades,
however, will not solely rely upon titanium for interstitial stabilization. In these grades, the role
of niobium as a precipitate former must also be considered. According to the traditional
approach, titanium additions are made to combine with nitrogen and sulfur, while niobium
additions are made to account for carbon, as shown by the following relationships:
Tistabilize = 3.42N + 1.5S
Nbstabilize = 7.74C
More recent work (37) has indicated that not all of the TiS polytypes can transform directly into
Ti4C2S2 or H-phase. In fact, when the dominating polytype is 6R-TiS in the as-reheated
condition, the transformation of this polytype into the H carbosulfide, upon cooling, would be
retarded and a hysteresis loop is observed for the reversible TiS to H transformation, Figure 5.
The existence of a hysteresis loop has also been observed by Dupuis, et al. (22). The
temperature dependence of the reversible R-TiS to H transformation is critical for
understanding the process of carbon stabilization as it occurs during slab reheating and
subsequent processing in the hot-strip mill.
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Figure 5: Hysteresis in the reheating and cooling transformation between 9R-TiS
and H- Ti4C2S2 (21).
According to the traditional approach, the predominant precipitates would be TiN, TiS,
Ti4 C2 S2 , and NbC, with the amount of each primarily depending upon composition. Recent
work has shown that niobium may also be present in a complex carbo-sulfide (i.e., (Ti,
Nb)4 C2 S2 ) (20). Under these circumstances, precipitation scenarios similar to that for the Tistabilized grades shown in Figure 4 may be possible. As a result, depending on the alloy
composition and the thermal profile during hot rolling, NbC and/or H phase may be present. It
is noted that, depending upon the titanium level, a substantial amount of niobium* may remain
in solid solution (24-28). In such cases, the solute niobium may be beneficial for property
development, especially with respect to hot-dip galvanneal coatings.
The stabilization of interstitial species is not only sensitive to thermomechanical processing
during hot rolling, but will also be influenced by the thermal cycles employed during annealing.
Thermodynamically, the annealing temperature should be below the dissolution temperature for
the stabilizing precipitate. TiN is stable at the annealing temperatures typically employed
*

As much as 67% of the total Nb in a 0.06Ti steel.25-27)

during commercial annealing; however, carbide dissolution may occur, especially if NbC is the
stabilizing precipitate. The amount of carbide dissolution during soaking and the degree of reprecipitation during cooling will be governed by kinetics. For the production of interstitial-free
steels, care should be taken when selecting annealing cycles as to avoid carbide dissolution.
Although not the subject of the current review, it is noted that carbon stabilization and carbide
dissolution is an important consideration in the design of bake-hardenable steels, which require
a controlled amount of solute carbon for the desired property attributes. In this case, it might be
desirable to employ alloy design (i.e., be in Region II of Figure 3 or Regions IV and V in
Figure 4) or to utilize annealing temperatures above the carbide dissolution temperature to
produce the necessary solute carbon.
In summary, the control of interstitial species begins with steelmaking and casting techniques,
which are primarily designed to minimize the amount of nitrogen and carbon in the steel.
Subsequently, the stabilization of nitrogen and carbon via precipitation reactions will be
determined by thermomechanical processing on the hot strip mill and during annealing.

Texture Development in Niobium Bearing Interstitial-Free Steels
As mentioned earlier, interstitial-free steels exhibit high r-values, which are beneficial for
formability, especially with respect to deep drawing. The enhanced drawability is normally
attributable to the existence of the gamma-fiber, ND || {111}, recrystallization texture after
annealing. However, the origin of this and other texture components is still under debate.
Hutchinson et al. (41) indicated that adequate control of both hot band grain size and hot band
texture are fundamental to enhancing the formability properties of the final annealed material.
From this observation it becomes obvious that the thermomechanical (TMP) parameters used
during hot rolling affect the transformation texture and the hot band microstructure. In fact, the
texture present in the ferrite structure after the material has been coiled will be strongly
dependent on the texture of the austenite as it approaches the Ar3 transformation temperature.
Therefore, the transformation texture will depend on several factors, including chemical
composition, TMP conditions and the microstructural state of the austenite. For example, in
early work it was thought that the chemical composition of the material was the key parameter.
As discussed above, carbon may be stabilized as Ti4 C2 S2 (H-phase) in addition to the traditional
M(CN) precipitation. Whether carbon is stabilized by the formation of either M(CN) or H
depends on the overall composition of the steel, and may affect the final microstructure and
texture of the hot band material. For example, it has been indicated (42, 43) that the presence
of suitably dispersed Nb(CN) precipitates in the hot band material may lead to sharp
{111}<uvw> annealing textures.
Also, some investigators have shown that texture
development in interstitial-free steels is not as susceptible to compositional and processing
parameters as are AKDQ steels (44,45).
The role of alloying elements on the development of texture has also been investigated for their
influence on the recrystallization behavior of austenite. For example, at high temperatures of
rolling (above the austenite stop recrystallization temperature,T95 ), a relatively weak
recrystallization texture is obtained. In this case, the austenite has been determined to exhibit
the cube, {100}<001>, family of orientations, which is considered to transform in ferrite into
the rotated cube, {100}<011> (46). On the other hand if the austenite is unrecrystallized during
hot rolling, it has been shown that a strong texture is developed in the austenite containing the
brass-component, {110}<112> and copper-component, {112}<111>, which are both very
stable end orientations of the beta-fiber, as well as weaker intensities of the S-component,
{123}<634> and Goss-component, {110}. Upon transformation below the Ar3 temperature,
these orientations are transformed to {332}<113> (from the brass-component), {113}<110>

(from the copper-component) (48), {111}<110> (from the Goss-component) (49), respectively.
In summary, solute elements that retard the recrystallization of austenite during hot rolling will
have a strong effect on the transformation textures. For example, in interstitial-free steels it has
been observed that niobium additions produce strong texture components near {112}<110>,
together with weaker components such as {001}<110> and {332}<113>, while in Ti-stabilized
steels the strongest component is {001}<110>, with weak components {112}<110> and
{332}<113> (49-54). The difference in the intensity of the transformation texture products in
niobium-bearing interstitial-free steels has been attributed to the suppression of the
recrystallization of austenite during hot rolling through the combined effect of solute drag and
precipitation (22, 40, 49-56). The effect of other solute elements (e.g., manganese, nickel,
molybdenum, and chromium) on the transformation textures in steels has also been
investigated.
Inagaki (57, 58) studied the effect of manganese on transformation textures with and without
niobium additions. The results of these studies clearly showed that the presence of niobium
increased the sharpness of the transformation textures independent of the manganese content.
Inagaki suggested that the solute effect might be related to the transformation behavior by
means of variant selection and/or selective growth of certain ferrite orientations during
transformation (58).
The effect of TMP variables on the transformation texture and final mechanical properties of
interstitial-free steels has also been well documented.
Among these, the slab reheating
temperature, the finishing temperature, the coiling temperature, the amount of deformation
during hot and cold rolling, and the annealing temperature have been the most widely
investigated (30, 60, 59-75).
The slab reheating temperature, along with the type of
stabilization (i.e. solubility product), controls the dissolution of precipitates, and hence, the
austenite grain size. In general, low slab reheating temperatures have been shown to be
beneficial in obtaining high r-values in cold rolled and annealed sheet steels. Low slab
reheating temperatures seems to keep TiC and NbC precipitates from going into solution,
leading to a dispersion of coarse precipitates in the hot band. The presence of coarse and
widely spaced precipitates allows rapid growth of new grains, thereby helping to achieve
stronger {111} textures. Another possible explanation might be due to the fact that at low slab
reheating temperatures carbon may be stabilized as Ti4 C2 S2 precipitates, which may lead to
high r-values (60, 70). The effect of slab reheating temperature is more pronounced in Tistabilized steels than in TiNb-stabilized steels.
The effect of finishing temperature has also been investigated by several authors (59-61, 7173). It is generally accepted that improvements in r-values can be achieved by lowering the
finishing temperature in austenite, especially in Nb-bearing interstitial-free steels with low
Nb/C ratio. Butrón-Guillén and Jonas (73) observed an increase in the gamma-fiber intensity
with decreasing finishing temperature, down to 620 °C. The finishing temperature should be
selected to provide uniform and fine-grain microstructure in the hot band. In the case of Tistabilized steels, the finishing temperature has very little effect on the r-values and ductility.
The effect of the coiling temperature is important because it affects the size, distribution and
morphology of precipitates. It has been observed that coarse, widely spaced precipitates
enhance the development of (111) texture, which is well-known to result in high r-values,
whereas fine, dense precipitates inhibit recrystallization and grain growth causing the properties
to be relatively inferior (30).
In general, it has been observed that increasing coiling
temperature leads to higher r-values, n-values, and ductility, with a decrease in strength in Tistabilized steels (30, 74, 75). In Nb- and TiNb-stabilized steels, the effect of coiling
temperature is more pronounced, with r-values and ductility increasing as the coiling
temperature is increased (34, 42-44).

Recent work by Ruiz-Aparicio, et al. (46, 80) has suggested that the favorable gamma-fiber
texture in interstitial-free steels can be obtained when large deformations are applied to coarse
austenite grains. According to the authors, the major mechanism responsible is the presence of
Goss nuclei within the shear bands that are generated by plastic instability. These nuclei
subsequently give rise to the {111}<110> transformation texture according to the KurdjumovSachs orientation relationship. The more important points from the work by Ruiz-Aparicio, et
al. are:
a) The transformation texture in steels stabilized through the formation of H-phase in the
interstitial-free steels is not very sensitive to processing conditions during hot
deformation. The resultant crystallographic texture in the hot band for a Ti- only and
Ti/Nb-stabilized steels showed similar behavior, with a strong {111}<110> hot band
texture component as the main orientation in the alpha-fiber (see Figure 6). The only
difference is the presence of the rotated cube orientation in this fiber for TMP in the
austenite recrystallization region. The resultant intensities of {111} texture components
in the gamma-fiber are similar for both steels regardless of the hot deformation
schedule.

Figure 6: Texture fibers for as-coiled material (80).
b) A comparison of steels stabilized by MCN and H-phase, the H-stabilized steels showed
a strong {111}<110> hot band texture component, which is the main orientation in the
alpha-fiber, RD || <110>. In addition, the resultant intensities of {111} texture
components in both the alpha- and gamma-fibers are higher. When the alloying
elements are present in the form of strain-induced carbides or carbonitrides, there is a
shift of the texture towards the rotated cube component, producing orientations varying
from {113}<110> to {223}<110>.
c) Under conditions of large deformation and coarse austenitic grain sizes, the main
components of the transformation textures are the gamma fiber. There seems to be an
excellent correlation between the intensity of these components and the initial grain
size, leading to the conclusion that coarse austenitic grain size might be responsible for
the final ferritic hot band texture. Microstructural heterogeneities generated during the

heavy deformation, such as shear bands, are believed to be responsible for the observed
transformation texture.
The discussion above only considers traditional hot rolling in which deformation occurs in the
austenite phase field. Recently, research has been conducted involving hot strip mill rolling in
the ferrite phase field (i.e., ferritic rolling). Interstitial-free steels continuously rolled in the
ferrite region have been reported to exhibit higher drawability (r-values ~ 3.0) when compared
to steels rolled in the austenite region. Other microstructural features and properties that have
been attributed to ferritic rolling are finer grain sizes and higher yield and ultimate tensile
strengths (77-79). Butrón-Guillén and Jonas (77) observed that ferritic rolling produced
textures that were approximately twice as intense as those attained after rolling in the austenite
region. It is noted that lubrication during ferritic rolling has been identified as an important
factor in order to produce a homogeneous through-thickness microstructure.

Mechanical Properties of Niobium-Bearing Interstitial-Free Steels
Interstitial-free steels have found many applications due to improved formability characteristics
when compared to typical low carbon steel grades. The lack of a yield point, the enhanced
work hardening characteristics, and the improved drawability are all important product
attributes of interstitial-free steels. Additionally, interstitial-free steels have a high strain rate
sensitivity, as shown in Figure 7.
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Figure 7: a) Predicted True Stress-True Strain Curves for Interstitial-Free (IF) and
DQSK Steels at strain rates of 10-3 (quasi-static), 100 (stamping), and 103 (crash
event) based upon Johnson-Cook curve fits (81) and b) Experimental True StressTrue Strain Curves for a TiNb-stabilized steel (data courtesy of T. M. Link-U. S.
Steel).
Table I displays representative property targets for interstitial-free steels for the automotive
industry. The properties of a typical “standard” TiNb-stabilized steel are shown in Table II.
The properties of this grade meet many applications, but as can be seen in Table I, there are
applications that require either higher strength levels or increased formability characteristics.
Figure 8 and Table IV displays two routes that can be taken to increase the strength of
interstitial-free steels: i) heavy temper rolling and ii) alloying. Increasing the amount of temper
extension will increase the strength of the sheet; however, there will be a decrease in
formability. While this method can be used to strengthen TiNb-stabilized steels, the prescribed

temper extension is typically more related to shape and surface appearance than to
strengthening.
Table I Representative property targets for interstitial-free steels (82-84)
(0.8 mm sheet)
Yield
Tensile
Total
n-value
Strength
Strength
Elongation
(between 10%
rm -values
(MPa)
(MPa)
(percent)
& 20% strain)
A
110 min.
270 min.
42 min.
0.22 min.
1.7 min.
110 min.
270 min.
45-55 JL
>1.5
JL
120 min.
270 min.
43-53
>1.4
125 min.
270 min.
41-51 JL
>1.2
A
140 min.
270 min.
40 min.
0.20 min.
1.6 typical
A
180 min.
310 min.
40 min.
0.20 min.
1.7 typical
210 min.
330 min.
38 min. A
0.19 min.
1.7 typical
JT
210 min.
340 min.
36-46
>1.3
255 min.
390 min.
32-43 JT
>1.3
JT
310 min.
440 min.
28-39
>1.2
A
JL
– ASTM longitudinal specimen, = JIS longitudinal specimen,
JT
– JIS transverse specimen (note: JIS elongaton > 1.10 ASTM elongation, typically).
Table II Properties from a typical “standard” TiNb-stabilized steel. (PRO-TEC
Coating Company, March 2001, 271 tests)
Composition in weight percent
C
N
S
Ti
Nb
0.005 max
0.006 max.
0.012 max.
0.025 / 0.045
0.025 / 0.045
Properties
Yield Strength (MPa)
Tensile Strength (MPa)
n-value
Elongation (percent)
147 + 7.3
306 + 10
0.236 + 0.006
45.8 +2.5

0.26

n-value

0.0% TME

0.25
0.4% TME

0.24
0.8% TME
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Figure 8: The effect of temper rolling (TME = temper mill extension) on
properties of a TiNb-stabilized steel

Table III Effect of alloying for strengthening (change in each property with an
incremental change in compostion) (85).
Change in
Yield
Tensile
Uniform
Total
Composition
Strength
Strength
Elongation
Elongation
(weight percent)
(MPa)
(MPa)
(percent)
(percent)
0.1 Si
9.7
13.3
-0.52
- 0.85
0.1 Mn
2.7
3.4
-0.28
-0.34
0.01 P
3.5
7.1
-0.38
-1.2

C
0.0026
0.0027
0.0024
0.0022
0.0036
0.0033
0.0035
0.0036

Table IV Effect of composition (wt. pt.) on secondary work embrittlement.
N
Ti
Nb
P
Mn
Si
DBTT
B
(°C)
0.0029 0.010 0.023
0.080
0.17
0.20
- 30 (87)
0.0023 0.012 0.024
0.079
0.33
0.63
- 5 (87)
0.0028 0.010 0.022
0.080
0.17
0.20
0.0009 < -70 (87)
0.0030 0.011 0.024
0.080
0.35
0.70
0.0014
- 40 (87)
0.0035 0.06
0.014
0.16
- 40 (88)
0.0037 0.03
0.03
0.014
0.16
- 60 (88)
0.0031 0.06
0.06
0.16
+ 10 (88)
0.0035 0.06
0.03
0.06
0.16
- 20 (88)

Most often, alloying additions are made to the base interstitial-free steel in order to produce
solid solution strengthening. Phosphorus, manganese, and silicon additions are made according
to the relationships shown in Table IV. The choice of alloying element, or combinations of
alloying elements, for interstitial-free steels is made in light of the effects of each element on
mechanical properties and on compatibility with hot-dip coating. The effect of each of the
alloying elements on hot-dip galvanneal coating will be discussed in the next section. With
regard to mechanical properties, phosphorus is the most potent strengthening element and is
often employed in higher strength grades.
While phosphorus is very effective in increasing the strength of interstitial-free steels,
phosphorus-bearing grades may exhibit secondary work embrittlement after deep drawing (86,
87). This phenomenon involves the brittle fracture of a deformed sample upon subsequent
loading. The resistance of a steel to secondary work embrittlement is most often described by a
ductile to brittle transition temperature (DBTT). One method of determining the DBTT utilizes
drawn cups that are deformed at a series of temperatures using a drop weight test. The fracture
type is macroscopically defined as ductile or brittle and the DBTT shown in Table IV is defined
as the temperature at which brittle fracture is a prevalent failure mode* .
Evaluations of cups that fail in a brittle fashion reveal a predominance of intergranular fracture.
This fracture mode is favored due to the absence of carbon at the grain boundaries coupled with
the grain boundary segregation of phosphorus. While solute niobium at the grain boundaries
may reduce the tendency for secondary work embrittlement, boron additions are typically made
to phosphorus-bearing TiNb-stabilized steels in order to improve the resistance to secondary
work embrittlement.
Boron additions promote a transition from intergranular fracture to ductile tearing, resulting in a
marked decrease in the DBTT shown in Table IV. The rapidly diffusing boron segregates to
*

For example, one testing procedure defines the DBTT as the temperature at which 25 percent of the cups tested
exhibit brittle fracture after a minimum of eight cups are tested at that temperature.

grain boundaries, increases the cohesive strength, and effectively compensates for the absence
of carbon and the presence of phosphorus. It is noted that boron additions will result in an
increase in the recrystallization temperature as well as an increase in strength (approximately 4
MPa per 0.001 weight percent (85)).
Thus far, the discussion has focused on higher strength interstitial-free steels. As shown in
Table I, there are also commercial applications for grades with improved formability
characteristics. Figure 9 summarizes some of the methods that can be utilized to increase
elongation and drawability (i.e., rm-value). One of the important tactics utilized to increase the
ductility of interstitial-free steels is to decrease the total nitrogen and carbon contents via
optimization of steelmaking techniques. Decreasing the total carbon content also decreases the
amount of niobium necessary for stabilization and further promotes increased ductility (see
Figure 9b).
Increasing the annealing temperature will increase the elongation and rm-value of TiNbstabilized steels. It is important to note, however, that the annealing temperature must remain
below the carbide dissolution temperature to prevent the introduction of solute carbon, which
may degrade formability** . In addition to annealing temperatures, the rm-value is related to
cold reduction and typically reaches a maximum between 75 and 85 percent cold reduction.
Hot strip mill processing will also influence the properties of TiNb-stabilized steels. In order to
produce a more ductile final product, the goal of hot strip mill processing is to produce coarse
precipitates and equiaxed grains. The reheat temperature and the alloy content will determine
the extent of carbide dissolution. Lower reheat temperatures and sufficient alloying (i.e., K >
Ksp ) will favor coarse precipitates and polygonal ferrite.
Additionally, lower reheat
temperatures may result in the formation of (Ti,Nb)4 C2 S2 precipitates, which have been
proposed to improve ductility (24-28).
Finishing temperature has a marked effect on rm for TiNb-stabilized steels. Gupta, et al. (61)
found that rm-value of the final cold rolled sheet increases with increasing finishing temperature
up to 900 o C. At the higher finishing temperatures, a homogeneous, equiaxed microstructure is
favored. Lowering the finishing temperature results in a mixed microstructure and a more
random hot band texture, both of which being detrimental to texture development in the final
cold rolled sheet. As a result, higher finishing temperatures are typically favored. It is noted
that the use of higher finishing temperatures often dictates the use of higher reheat temperatures
in commercial production.
The coiling temperature is very important for property development. Tokunaga, et al. (89)
observed an increase in elongation and rm-value with an increase in coiling temperature. For
example, elongation was found to increase from 44 to 46 percent and rm-value from 1.6 to 2.0
with an increase in coiling temperature from 600 o C to 720 o C for a 0.02 weight percent Nb
grade. The primary reason for this increase is the coarser precipitates that form during cooling
of the coil.

**

It is also noted that carbide dissolution at higher annealing temperatures is a potential production technique for
bake-hardenable steels, which rely upon solute carbon for strengthening.
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Figure 9: Summary of Property Trends: a) Effect of nitrogen content on yield
strength and elongation (TiNb steel)89), b) Effect of carbon and niobium content
on elongation (TiNb steel)89), c) Effect of annealing temperature on yield strength
and elongation (Ti-Nb-P-Mn-Si-B grade)90), d) Effect of annealing temperature on
tensile strength and rm (Ti-Nb-0.5Mn grade)91) and e) Effect of cold reduction on
rm (Ti-Nb-0.5Mn grade) (91).
The above discussion assumes traditional austenitic hot rolling. Recently, the use of lubricated
ferritic rolling has been investigated for the enhancement of rm-value (92,93). This practice has
been found to increase the rm-value by greater than 0.5, even leading to the production of cold
rolled sheet with an rm-value of 3.0. The use of lubrication promotes a more uniform strain
across the cross-section, resulting in a more uniform microstructure. Ferritic rolling facilitates
a stronger {111} texture, which when coupled with higher annealing temperatures, promotes a
marked increase in rm-value.

All of these techniques could be used to promote increased ductility; however, it should be
noted that a TiNb-stabilized steel will typically have a lower ductility than a Ti-stabilized steel.
This is primarily related to the grain refinement and finer precipitate distribution in niobiumbearing grades. As a result, applications requiring the highest degree of ductility typically
utilize titanium for stabilization, employ low carbon and nitrogen contents, utilize higher
coiling and annealing temperatures, and contain minimal niobium additions. The primary
reason for niobium additions in these grades is related to the role of niobium in the hot-dip
galvannealing process, which is discussed in the following section.

Hot-Dip Galvanneal Coating of Niobium-Bearing Interstitial-Free Steels
As stated previously, the commercial utilization of niobium-bearing interstitial-free steels is
primarily for hot-dip galvanneal coated sheets. Hot-dip galvanneal coatings are iron-zinc alloy
coatings, which typically contain between 8 and 12 weight percent iron. These coatings have
been developed primarily for increased corrosion resistance as well as increased weldability.
The galvannealing process involves coating steel in a zinc bath with a low aluminum content
(typically less than 0.15 weight percent) followed by processing through a furnace at 460 o C to
540 o C. The elevated temperatures promote the interdiffusion of iron and zinc, resulting in the
iron-zinc alloy coating. As shown in Figure 10a, the galvanneal coating contains layers of ironzinc phases.
Microstructural evolution during this process begins with the formation of an iron-aluminumzinc intermetallic layer, typically called an inhibition layer.
In order for the galvanneal
structure to form, holes in the inhibition layer must exist or the layer must be broken to allow
for the interdiffusion of iron and zinc* . Intimate contact between zinc and iron results in the
formation of iron-rich phases, which grow into the zinc-rich coating as shown in Figure 10b. In
general, the rate of phase formation and the final coating microstructure will be dependent upon
the bath composition, the thermal profile beginning at bath entry and continuing through the
galvannealing furnace, and the steel type.
The overall properties of the coating will be related to the amount of each phase present in the
coating and the characteristics of each phase (see Table IV). In general, minimization of the
brittle Γ/ Γ1 layer thickness is preferred as coating adherence is degraded as the thickness of
this layer increases. For a fully-galvannealed coating (i.e., one without “free-zinc” or η-phase),
the phases at the surface of the sheet will be either the soft ζ-phase or the hard δ-phase. The
relative amounts of these two phases will therefore influence the frictional characteristics of the
sheet.
During the commercial development of galvanneal-coated interstitial-free steels, coating
adherence was a key performance variable** . Through the use of a Taguchi experimental
matrix, Zeik, et al. (94) illustrated that the stabilization technique had a larger effect on coating
adhesion than other processing variables. In particular, TiNb-stabilized steels had better
coating adherence than Ti-stabilized steels.
The improved coating adherence of TiNbstabilized steels when compared to Ti-stabilized steels has been similarly documented in studies
investigating powdering behavior (see Figure 11) and interfacial strength (95-97).
*

It is noted that low bath aluminum contents are needed. If the aluminum content is too high, the inhibition layer
will not “breakdown” and will retard the formation of the galvanneal structure.
**
The variables studied in this study were steel type (Ti-stabilized versus TiNb-stabilized,), bath aluminum, strip
entry temperature, galvanneal furnace temperature, line speed, and cooling after galvannealing.
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Figure 10: a) Cross-section of a hot-dip galvanneal coating and b) the initial stages
of the galvannealing process. Micrographs courtesy of M. Simko and E. A. Silva
- U. S. Steel.
Table IV Iron-Zinc Phases in Typical Hot-Dip Galvanneal Coatings
Phase
Weight Percent Iron
Characteristic
η (Zn)
0
Ductile
5–6
Ductile
ζ (FeZn13 )
7 – 12
Brittle
δ (FeZn7 )
17 – 22
Brittle
Γ (FeZn4 )
Γ1 (Fe3 Zn10 )
15 - 28
Brittle

Weight Loss (mg)

12
10
8
6
4
2
Ti-Stabilized

TiNb-Stabilized

Figure 11: Comparison of the weight loss in Double Olsen testing between Tistabilized and TiNb-stabilized steels (95).
The difference in coating adherence observed in these studies is a result of the microstructural
development of the galvanneal coatings. Due to the removal of carbon from solution in the
substrate, the penetration of zinc at grain boundaries will be more rapid than in non-stabilized
steels, resulting in an increased reactivity during galvannealing. The rapid penetration of zinc
leads to the formation of “outbursts”, which are essentially regions of more rapid alloy growth
(98, 99). While this outburst phenomenon occurs for both types of steels, Ti-stabilized grades
exhibit a higher propensity for outbursts than TiNb-stabilized grades. As a result, the growth of

iron-rich phases is more rapid for Ti-stabilized steels than for TiNb-stabilized steels, resulting
in a deleterious increase in the thickness of the Γ/ Γ1 -layer.
The difference in galvanneal structure for Ti-stabilized and TiNb-stabilized steels begins in the
initial stages of galvannealing. Fujibayashi, et al. (100) found that the breakdown of the
inhibition layer for Ti-stabilized steels occurred randomly, but was more uniform for TiNbstabilized steels. McDevitt, et al. (101) found that the initial formation of the ζ-phase for Tistabilized steels occurred without a preferred orientation. By comparison, the ζ-phase for
TiNb-stabilized steels grew in one direction and had a “colony” size that was similar to the
substrate grain size. Likewise, Carless, et al. (97) found that nucleation of the ζ-phase in TiNbstabilized steels preferentially occurred over (111) α-iron, resulting in a lower consumption of
iron and a correspondingly slower growth rate for the iron-rich δ− and Γ–phases. After
initiation of alloying, the presence of solute niobium at the grain boundaries may also serve to
decrease the intergranular diffusion of iron, thus assisting in the production of a more uniform
alloy structure with a reduced Γ–layer thickness.
In addition to alloy phase development, niobium additions are also beneficial for the reduction
of “woodgrain” appearance on the surface of the galvanneal sheet. This pattern of light and
dark streaks is frequently observed in grades with high titanium content (102) and is typically
associated with hot strip mill scale. The use of niobium for interstitial stabilization therefore
reduces the necessary titanium content in the sheet, thus reducing the propensity for this type of
surface appearance.
Microstructural development also plays an important role in the galvannealing of high strength
interstitial-free steels. As mentioned previously, phosphorus additions are commonly made to
TiNb-stabilized steels in order to achieve higher strength levels. When processing these grades,
however, it has been found that higher temperatures and/or longer times are needed to produce
a fully galvannealed coating. The addition of phosphorus dramatically reduces the amount of
outbursts that occur (98, 103), resulting in a reduction in the overall alloy growth rate. This
decrease in galvannealing kinetics has been primarily attributed to the reduced interdiffusion of
zinc and iron due to grain boundary segregation of phosphorus. Additionally, the surface
segregation of phosphorus may also serve to retard breakdown of the inhibition layer (104). As
a result, phosphorus-bearing grades typically have a minimal amount of Γ–phase.
Manganese additions may also be made to increase the strength of interstitial-free steels. An
important consideration for hot-dip galvannealing of grades with high manganese contents is
the oxidation potential of manganese. As shown in Figure 12, manganese has a lower oxidation
potential than iron and will therefore be more readily oxidized, especially at higher alloy
contents. As shown in Figure 12b, the equilibrium dew point for manganese in steel is lower
than that for iron. As a result, a dew point that is reducing for iron may be oxidizing for
manganese, resulting in the formation of manganese oxides on the surface. The wettability of
the steel surface by zinc is reduced by the presence of manganese oxides and can lead to bare
spots on the surface of the sheet. As a result, control of the dew point during annealing
becomes important. It is noted, however, that manganese may have a beneficial effect on
galvannealing by reducing the activity of phosphorus at the grain boundaries (105). This effect,
however, is most notable in conjunction with internal oxidation in highly oxidizing
atmospheres, which subsequently requires processing in a highly reducing environment to
facilitate wetting and galvannealing.

-20

Fe
0.25
1.0
Mn
Mn

-30
-40
-50
-60
30
0

40
50 60 7 0 80
0 Temperature
0
0
0( o C) 0

90
0

Equilibrium Dew Point (o C)

Oxygen Potential (log PO2)

-10

-20

0.25 Mn (850oC )

0.25 Mn (875o C )

1 .0 Mn (850o C )

1.0 Mn (875o C )

-30
-40
-50
-60
-70
0

5

10

15

20

25

30

35

Hydrogen Content (volume percent)

(a)

(b)

Figure 12: a) Comparison of the oxygen potential for iron, 0.25 weight percent
manganese, and 1.0 weight percent manganese and b) the equilibrium dew points
for 0.25 weight percent manganese, and 1.0 weight percent manganese in a
0.004C-0.003N-0.008S-0.035Si grade.
(Assumes the activity of manganese
equals the atomic fraction and 1.0 atm total pressure).
Silicon is also a potential strengthening element for interstitial-free steels. Silicon is much
more readily oxidized than manganese. For example, the oxidation potential for 0.035 and 0.30
weight percent silicon at 850 o C is –59.4 and -61.3, respectively. Silicon oxide is typically
non-wetting and therefore will result in bare spots in the galvanneal coating. The formation of
complex oxides may, however, be less detrimental to the galvanneal coating. In laboratory
experiments, Kato (106) has found that fewer bare spots are observed when MnSiO 3 forms on
the surface of steel during annealing than when SiO 2 or Mn2 SiO 4 form.
As mentioned previously, boron additions may also be made to phosphorus-bearing interstitialfree steels to improve the resistance to secondary work embrittlement. Phase development for
boron-bearing grades is much slower than for base TiNb-stabilized grades (107). This
reduction in galvannealing kinetics is most likely related to the presence of phosphorus and
boron at the grain boundaries as well the surface segregation of boron.

Summary
The production and properties of TiNb-stabilized steels have been reviewed. In order to
achieve the good formability characteristics typical of interstitial-free steels, modern
steelmaking and casting practices are utilized to minimize the total nitrogen and carbon content
in the steel. The remaining interstitial nitrogen and carbon are removed from solid solution via
precipitation, predominantly as TiN, (Ti, Nb)4 C2 S2 , TiC, or NbC. The amount and type of
precipitate will be determined by the composition of the steel and the thermomechanical
processing procedures.
A standard TiNb-stabilized steel will exhibit enhanced formability characteristics when
compared to low carbon steels. The ductility of these grades can be further enhanced through
proper selection of thermomechanical processing and via the minimization of nitrogen and
carbon contents. The strength of TiNb-stabilized steels can be effectively increased through

solid solution strengthening; however, alloy design for higher strength grades will typically
include boron additions as a means to increase the resistance to secondary work embrittlement.
Many commercial applications of niobium-bearing interstitial-free steels involve hot-dip
galvanneal coatings. TiNb-stabilized steels exhibit better coating adhesion than Ti-stabilized
steels. This is primarily attributable to retardation of the interdiffusion of iron and zinc at the
ferrite grain boundaries and the nucleation of favorably oriented ζ-phase, both of which allow
for a more uniform galvanneal microstructure. The production of higher strength grades for
hot-dip galvanneal coatings is highly dependent upon the effect of the alloying elements on the
interdiffusion of iron and zinc as well as the oxidation potential of the alloying elements.
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